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Grain boundaries containing porous E-structural units (SUs) are known to readily emit 
dislocations under tension. This work establishes a correlation between the atomic structure, 
evolution of interfacial stresses and slip transfer mechanisms at grain boundaries containing E-
structural units. Using molecular dynamics simulations, we study the interactions between 
<112>{111} Shockley partial dislocations and <110> symmetrical-tilt Ni grain boundaries 
containing E-SUs. We show that the incoming Shockley partials can be accommodated by 
porous E-SUs along the grain boundary. However, the partial-absorption process disrupts the 
short-range interactions of incipient dislocations along the boundary, which generates high local 
tensile and compressive stress regimes emanating from the impingement site. For the favored 
        grain boundary comprising only of E-SUs, Shockley partials originating from E-SUs 
located within the tensile stress regime are subsequently re-emitted into the neighboring grain. 
We demonstrate that the critical strength for re-emission of Shockley partials can be delineated 
into contributions from tensile stress generated by partial-absorption, intrinsic grain boundary 
tractions, as well as external loading. In the presence of other types of SUs, the incoming 
Shockley partial can also be transmitted through the boundary or be stably absorbed by the 
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CHAPTER 1: INTRODUCTION 
 
Grain boundaries are the planar interfacial regions between neighboring grains in a 
polycrystalline material which accommodate the misfit in the orientation of the atoms. 
Dislocations or line defects are a class of crystallographic defects which can inherently exist in a 
crystal from as early as the growth stage. Grain boundaries can act as sources, sinks or barriers to 
an incident dislocation and the resulting interaction at the interface controls the ductility and 
strength in the material. It has been shown that as the grain size decreases, the grain boundary 
density increases, which strengthens the metal [1-3].  
The physical mechanisms by which a dislocation interacts with a grain boundary must be 
identified to fully understand the physics underlying plastic deformation in metallic 
polycrystalline materials. The onset of plastic deformation in polycrystals is marked by the 
creation of mobile dislocations on the slip system with highest resolved shear stress in the grain 
with the most favorable orientation [4-8, 9]. When encountering a grain boundary these 
dislocations will accumulate in the form of pile-ups resulting in a local stress state, and the 
evolution of these interfacial local stresses forms an integral part of the present study.  
1.1. Structure of grain boundaries  
Correlating the grain boundary structure and those properties controlled by the 
interactions between lattice dislocations and grain boundaries is an area that has received 
considerable interest in the past [10]. The grain boundary interfaces are usually identified by the 
misorientation angle between the adjacent grains, the misorientation axis vector and normal to 
the interface plane. Different specifications of these degrees of freedom result in different 
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geometries of the unrelaxed grain boundary, which upon energy minimization, form definite 
atomic structures at the interface [11, 12]. The structure of the grain boundary has been found to 
greatly influence mechanical properties in a metal and this has popularized the idea of 
engineering different grain boundaries to tailor specific properties [13-16]. Of particular interest 
are the symmetrical tilt grain boundaries which have continuous incoming and outgoing slip 
systems, are energetically more favorable and thus easily observed in experiments. For high-
angle tilt grain boundaries in equilibrium, the atomic composition at the interface can be 
described in terms of a linear combination of structural units [17, 18].  This thesis focuses on 
grain boundaries containing a specific structural unit (SU), the porous E-SU which has been 
identified as an active dislocation source in ductile grain boundaries [19-21].  
1.2. On the origin of dislocations 
Discrepancies in the theoretically calculated and experimentally observed values of the 
applied shear stress required to plastically deform a single crystal led to the concept of 
dislocations [83]. A numerical expression developed by Frenkel in 1926 predicted the shear 
strength of a crystal to be several orders of magnitude higher than the observed values. Attempts 
made to explain this disparity, by establishing a relationship between the shear strength and 
microstructure of a crystalline material, led to the notion of the edge dislocation by Taylor, 
Orowan and Polanyi in 1934. It was not until the late 1950s, however, that dislocations were 
visually observed through transmission electron microscopy techniques [22, 83].  Figure 1.1 
shows a thin film transmission electron micrograph of two rows of dislocations. Dislocations 
appear as dark (bright) lines in a bright-field (dark-field) TEM image. 
Taylor showed that the flow stress is a crystal is proportional to the square root of 
dislocation density [23]. This necessitates the presence of active dislocation sources in the bulk 
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or on the surface of the crystal. Grain boundary emission and interface interaction are common 
sources of dislocations in crystals [14-16]. Another well-known source is the Frank-Read 
multiplication of dislocations along a preferred slip plane in the presence of an external shear 
stress [24]. In the presence of a dislocation, atoms in the crystal are distorted from their regular 
periodic lattice positions which produces an internal stress field in the crystal. When an external 
stress is applied to the crystal, the dislocations are set in motion and this dislocation glide is 
responsible for plastic deformation in polycrystals.   
1.3. Thesis Overview 
The focus of this thesis is the study of interactions between incoming Shockley partial 
dislocations and the E-SUs along <110> symmetrical-tilt Ni grain boundaries, by quantifying the 
evolution of local grain boundary stresses with molecular dynamics simulations. Two kinds of 
grain boundaries are discussed in detail: the favored Σ9 (221) Ni grain boundary where each 
grain boundary period comprises of only the porous E-structural unit and two non-favored Ni 
grain boundary structures: Σ27 (552), Σ19 (331), which contain a combination of A-SUs and E-
SUs. Free volume evolution at the grain boundary is monitored as the dislocation approaches, is 
absorbed and subsequently re-emitted from the grain boundary, to show the accommodation of 
the incoming dislocation at the E-SUs along the boundary. Different mechanisms of dislocation-
grain boundary interactions are identified by varying the location of the impingement site along 
the grain boundary length. Depending on where the incident dislocation interacts, the grain 
boundary either remains stable after partial-absorption or re-emits the Shockley partials from 
other E-SUs in the vicinity of the impingement site into the neighboring grain, assisted by 
external loading and local tensile stresses generated by the interaction processes.  
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The organization of the thesis is as follows. Chapter 2 presents a concise review on the 
recent studies of slip transmission at grain boundaries, the existing geometric and stress criteria 
that predict the activation of the outgoing slip system, and the microscale models that represent 
the atomic structure of the grain boundary. This chapter aims to explain the motivation of the 
current study and place it in the context of existing literature on the same topic. Chapter 3 
introduces the framework of molecular dynamics simulations using LAMMPS, the problem set-
up and the modeling procedure used for the present work. The results of the dislocation-grain 
boundary interaction for Σ9 (221) are presented in terms of local stress and free volume 
evolution in Chapter 4. Chapter 5 primarily summarizes simulation results for the Σ27 (552) and 
Σ19 (331) grain boundary structures. The concept of „domain stresses‟ and how it affects re-
emission of the Shockley partials is introduced in Chapter 6. This chapter contains a 
comprehensive analysis of all the simulation results and discusses the role of E-SUs in the 
transmissibility of dislocations. From the results it is concluded that all the interactions can be 
understood from studying the evolution of the local atomic stresses in the vicinity of the 
impingement site on the grain boundary. The concluding chapter provides suggestions for 
possible areas of future work and reinforces the motivation for the current study.  
1.4. Figure 
 
Figure 1.1:  A bright field micrograph of two parallel rows of dislocations. [83]  
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CHAPTER 2: LITERATURE REVIEW 
2.1  Hall- Petch relationship and the inverse Hall-Petch effect 
 Studies have shown that the size of a grain has considerable influence on the plastic 
behavior of metals [1, 2, 25-27]. Dislocations are the carriers of plastic deformation in crystalline 
materials and the presence of grain boundaries in polycrystals affects their mobility [5, 13, 28]. 
The well-known Hall-Petch relationship (equation below) is considered as the governing 
equation to understand the effect of grain boundaries on the mechanical properties of metals [29, 
30].  




   and k are material constants in the above equation. This relationship predicts that the yield 
stress of polycrystalline materials   is inversely proportional to the square root of the average 
grain size d. This means, the more grain boundaries there are per unit volume, the stronger the 
material becomes. Based on experimental evidence, Hall and Petch envisioned the pile-up of 
dislocations when they encountered an interface. It was postulated that slip transmission 
occurred at the grain boundary when the stress concentration from the pile-up reached a certain 
critical value, and this required a critical pile-up length of half the grain size.  
 The Hall-Petch relationship, when extrapolated to nanometer-sized grains, predicts 
extremely hard materials. However experimental observations show a deviation of material 
behavior from the Hall-Petch relationship at this scale [31, 32]. Nanocrystalline phases contain a 
relatively larger fraction of atoms at the boundary (up to 50%) than in the bulk of the crystal and 
deformation mechanisms are now controlled by the interaction of single dislocations with the 
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grain boundary [4,13,14,33-36]. At the smallest grain sizes dislocation sources hardly exist 
within the grain, hence, grain boundaries are the sources of dislocations to be emitted into the 
bulk of the grain.  
2.2  Grain boundaries containing E-Structural Units 
  Several microscale models have been proposed to represent the complex atomic structure 
of the grain boundary interface. For grain boundaries with small tilt or twist angles, the boundary 
structure can be described by a planar array of partial dislocations [37-39]. For higher-angle 
grain boundaries, however, the separation distance between these partials at the boundary 
decreases, leading to increased dislocation density with overlapping cores [19, 40, 41]. 
Computational modeling of high angle grain boundaries show that the boundary comprises of 
repeated structural units (SUs) that represent specific arrangements of limited number of atoms 
[17,42]. A typical period of the grain boundary structure can thus be described by a combination 
of simple SUs, since only a few types of basic SUs exist, as shown in Fig 2.2. MD simulations 
have attempted to relate the propensity of dislocation emissions from the grain boundary to the 
presence of certain unique SUs along the boundary. In particular, symmetrical-tilt grain 
boundaries containing E-SUs were found to consistently emit dislocations at much lower tensile 
stresses [19-21]. This early onset of dislocation nucleation and emission was associated with the 
high local porosity within the E-SUs along the grain boundary. More recent studies have 
attempted to relate the structural-unit classification of grain boundaries with equivalent traction 
signatures along the boundary [43, 44]. It was shown that the resolved shear stress contribution 
from the grain boundary tractions, acts in concert with applied external loading, to trigger the 
ready emission of Shockley partial dislocations from the E-SUs along the boundary. In 
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comparison, how incoming dislocations interact with these porous E-SUs along the grain 
boundary remains relatively unstudied.  
2.3  Mechanisms of dislocation-grain boundary interactions  
Nanoindentation experiments conducted in a transmission electron microscope (TEM) 
have been used to study the complex interactions between dislocations and grain boundaries [45-
47].  These interaction mechanisms can range from (a) absorption of the impinging lattice 
dislocation at the grain boundary and its subsequent dissociation into grain boundary 
dislocations, (b) reflection of the lattice dislocation back to its original grain, and (c) 
transmission of the lattice dislocation through the grain boundary, while leaving behind a 
residual dislocation at the grain boundary [9, 48-52]. Fig 2.3 contains a schematic of these 
mechanisms. The activation of each of these mechanisms generally depends on many 
geometrical factors, such as whether (i) the slip planes in both grains have a common line of 
intersection at the grain boundary, (ii) the outgoing slip system has a large resolved shear stress, 
and (iii) the incoming and transmitted dislocations have parallel Burgers vectors and leave 
behind residual dislocations with small Burgers vectors [53-57]. Beyond these crystallographic 
aspects, high resolution TEM studies show that the local atomic structure of a grain boundary 
ultimately determines its barrier strength against an incoming dislocation [58-60].  
2.4.  Review on slip transmission criteria at grain boundaries 
 This section provides an overview of the geometric slip transmission criteria commonly 
used in experiments and computational models. The predictive criteria found in literature largely 
focus on the geometry of the slip systems and/or the internal stresses generated by the 
dislocations, and relatively few of them consider the interaction between the incoming 
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dislocation and atomic structure of the grain boundary i.e. consideration of grain boundary 
dislocations [53-56, 61-63]. Livingston and Chalmers [61] were the first to come up with a 
geometric criterion to predict the activation of slip system in the neighboring grain caused by 
dislocation pile-up at the grain boundary. This is a purely geometric criterion and it provides the 
activation stress of the transmitted slip system. It uses slip direction orientations and slip plane 
normals, of the incoming and outgoing slip system, as its inputs. This criterion however does not 
consider how the grain boundary is oriented with respect to either of the slip systems. A 
modification over this model is presented in [64].  
Using TEM and the results of electron diffraction experiments on slip transmission in 
FCC and BCC systems, Shen et. al [53, 62] computed the elastic stress tensor at the grain 
boundary and provided a measure of the critical stress required for a dislocation to cross the 
grain boundary interface. The authors evaluated four different models of slip transmission 
prediction including the two above-mentioned models; a maximum force criterion based on 
computations of the resolved shear stress was the third model, while the fourth model considered 
the combined contributions of geometry and stress by computing the resolved shear stress and 
the activated slip plane from among the possible slip systems in the neighboring grain. It was 
reported by the authors that the fourth criteria provided the best prediction of the activated slip 
system when comparing it with their experimental observations from in situ TEM. The later 
works [54, 56, 63] addressed the limitations of this model which failed to account for the role 
played by residual grain boundary dislocations (GBD) in slip transmission. It was shown that the 
predicted results of the maximum resolved shear stress criterion will not be accurate if a large 
number of residual GBDs was generated. Very recently, the correlation between the energy 
barriers to slip transmission and the interfacial grain boundary energy was studied [65]. It was 
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shown that GBs (Fig 2.4) with lower static interfacial energy offer a stronger barrier to 
dislocation transmission and nucleation in the neighboring grain.  
Molecular dynamics (MD) simulations have been widely used to trace the atomistic 
details of these above-mentioned dislocation-grain boundary mechanisms, but a direct 
correlation between the local atomic structure of the grain boundary and its resistance to slip 
transmission has not been established [49-51, 67-72, 27]. The motivation for the present study is 
thus to understand how the different mechanisms for slip transmission operate for the E-
structural unit containing grain boundaries, and to elucidate the stress contributions from the 
interface that trigger the different mechanisms. 
2.5  Figures 
 
Figure 2.1: Scaled yield stress as a function of grain size as studied by Masumura et. al. for 
several materials in the form of a Hall-Petch plot. It is seen that the yield stress-grain size 
exponent for relatively large grains appears to be very close to -1/2, and this trend continues until 




Figure 2.2: A depiction of the grain boundary structural unit model- Equilibrium bicrystal 
interface structures of <1 1 0> symmetric tilt boundaries [18]. The structures are viewed along 












 Figure 2.3: Schematics for possible slip transfer mechanisms between grains A and B, 
separated by grain boundary with the normal n (a) Absorption of the incoming dislocation at the 
grain boundary with subsequent formation of GBDs (b) Reflection of the incoming dislocation 
into the incident lattice (c) Indirect and direct slip transmission at the grain boundary 






Figure 2.4 Energy barriers plotted against static grain boundary energy for two cases: (a) slip 
penetration into the grain boundary and (b) slip nucleation from the grain boundary. 




















CHAPTER 3: SIMULATION METHODS 
3.1.  An introduction to the molecular dynamics framework and LAMMPS 
 Molecular dynamics (MD) is a computer simulation technique that allows one to predict 
the time evolution of a system of interacting particles (atoms, molecules, granules etc.). In 
atomistic simulations, the atoms are treated as solid spheres without explicitly considering the 
electronic structure. The basic idea of molecular dynamics is simple. For the given system, we 
begin with a set of initial conditions, that is, initial positions and velocities of all the particles in 
the system, and an interaction potential which is used to derive the forces acting between the 
particles. The accuracy of results obtained from an MD simulation depends greatly on the choice 
of this interaction potential. (These potentials are usually calculated by ab-initio methods based 
on density function theory- DFT or they are fitted empirically by experiments.) Once the initial 
parameters are defined, the evolution of the system in time is followed by integrating the 
classical equations of motion for all the particles in the system. Within the framework of 
classical mechanics, the equations that govern the motion of particles is given by Newton‟s 
second law of motion. For the i
th
 particle, 
            or        
  
  
            or            
            
Defining the initial configuration of the system under study, and obtaining its time 
evolution from the equations governing classical mechanics makes MD, in principle, a 
deterministic technique (in practice, accumulation of integration and computational errors 
introduces uncertainties in the MD output). However, MD can also be used as a statistical 
mechanics method: it generates a set of configurations that are distributed according to statistical 
distribution functions. In several instances, the individual atom trajectories are not as important 
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as the macroscopic properties of the material. Then, MD information can be averaged over all 
the atoms in the system and over time to obtain thermodynamic parameters [75].  
Performing MD simulations for studying material properties comes with its limitations. 
Interatomic potentials are developed using DFT techniques or by fitting available experimental 
data. Availability of appropriate potential functions is the limiting factor for expanding the areas 
of applications of MD simulations to the realistic qualitative analysis on several material 
behavior and properties. Secondly, MD is built on the foundation of classical mechanics. This 
implies MD cannot be performed on systems containing very light atoms like H, He, Ne, without 
superimposing quantum corrections (methods like SHAKE, RATTLE are used to rigidify bond 
lengths and angles in water molecules, for example) on the classical descriptors. Studies have 
shown wide discrepancies in calculation of properties of such systems with light elements where 
quantum effects become more pronounced. The third major limitation is the size of the MD 
computational cell and thus, the number of atoms that can be included in the model.  Even with 
current parallel super-computational capabilities, only a maximum of several billions of atoms 
can be simulated in MD, which corresponds to length-scales on the order of a few microns. 
Material properties and structural variations of interest should lie within this length scale for MD 
to be used best. Time-scaling is another issue that is attempted to be addressed in a number of 
current research projects. The maximum timestep of integration in MD simulation is defined by 
the fastest motion in the system. Based on values of vibrational frequencies of a molecular 
system, a typical MD simulation timestep is on the order of a femtosecond. Current 
computational capabilities limit the total simulation time to the order of nanoseconds at best. To 





 [76].In spite of these limitations, the results from MD simulations have complemented 
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experiments in several fields like chemistry, medicine, materials science, statistical physics etc. 
by providing insights into the possible nanoscale mechanisms and helping the development of 
several theories, which cannot easily be captured by in-situ or postmortem experimental 
observations. 
 All MD simulations carried out for the present study were performed using LAMMPS 
[77]. LAMMPS is a classical molecular dynamics code, and an acronym for Large-scale 
Atomic/Molecular Massively Parallel Simulator. Distributed as an open source code by Sandia 
National Laboratories, LAMMPS has several built-in potentials for solid-state materials and soft 
matter, and is widely used as a parallel particle simulator at the atomic, meso or continuum scale. 
VMD or Visual Molecular Dynamics was the software package used to visualize the results of 
the simulations [78].   
3.2. Force Fields and the Embedded Atom Method potential 
 In molecular dynamics simulations, a molecule is described as a series of charged points 
(atoms) linked by springs (bonds). To calculate the time evolution of the system of particles in 
the simulation, we need knowledge of the forces between the particles. Interatomic potentials are 
mathematical functional forms for calculating the potential energy of a system of atoms with 
given positions in space.  The forces acting between atoms can be obtained by differentiation of 
the total energy Vtotal with respect to atom positions. That is, to get the force on atom i one should 
take the three-dimensional derivative (gradient) with respect to the position of atom ri : 
              
 Interatomic potentials come in several classes. The MD simulations carried out in this 
study employ the EAM or Embedded Atom Method [79], which is a many-body potential, to 
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describe the forces acting between the Nickel atoms in the system. The potential energy of an 
atom i is given by  
       (∑           )  
 
 
∑            , 
where rij is the distance between atoms i and j,     is a pair-wise potential function,    is the 
contribution to the electron charge density from atom j of type β at the location of atom i, and F 
is an embedding function that represents the energy required to place atom i of type  into the 
electron cloud. Since electron cloud density is a summation over many atoms, usually limited by 
a cut-off radius, the EAM potential is regarded as a multi-body potential.  
3.3. Creation of the Ni-bicrystal with a pre-existing dislocation 
We study the interactions between incoming Shockley partials and <110> symmetrical-
tilt Ni grain boundaries with molecular dynamics (MD) simulations, performed using LAMMPS. 
The interatomic interactions between the Ni atoms are governed by the embedded atom method 
(EAM) potential [80]. Each symmetrical-tilt bi-crystal grain boundary model structure is created 
by first rotating two face-centered-cubic Ni single crystals by an angle    about the [110] 
direction (  -axis). The top crystal is then iteratively displaced with respect to the bottom crystal 
in 1% increments of the unit structural length along the grain boundary (  -axis). For each 
displaced configuration, the overlapping atoms are removed, and the grain boundary structure is 
subjected to energy minimization. Through this approach, we obtain a variety of possible grain 
boundary structures for each tilt-angle  , and the configuration with the lowest grain boundary 
energy is selected as the representative grain boundary structure. The grain boundary energies of 
our final model structures are found to be in perfect agreement with prior studies across a wide 
range of  . [81, 82] 
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Our focus here is on grain boundaries containing E-structural units (E-SUs), which are 
formed only at tilt angles of       . Each of our simulation cell has model dimensions of 
          nm3 in the          directions and contains ~200,000 Ni atoms. Each 
simulation cell is fully periodic and comprises of two identical grain boundaries separated by 
grain size of ~10 nm. To model pre-existing Shockley partial dislocations in the bulk, we 
introduce a ½<110>{111} full dislocation dipole by removing an atomically-thick {111} 
vacancy slab in the bulk, which is approximately centered between the two grain boundaries in 
the simulation cell. The resulting structure is then subjected to energy minimization, upon which, 
the two full dislocations dissociate into four <112>{111} Shockley partial dislocations. Two of 
these partial dislocations merge to form a sessile stacking fault plane, while the remaining two 
Shockley partials, with opposite Burgers vectors, emanate from the edges of the stacking fault 
plane along <112>{111} slip-systems that intersect the upper and lower grain boundaries as 
shown in Fig. 3.1(a) for the favored         grain boundary with atoms colored according to 
the normalized centro-symmetry parameter. Upon deformation, each of these Shockley partials 
would approach and impinge upon the upper and lower grain boundaries, respectively. For the 
favored         grain boundary, each grain boundary period comprises of a contiguous 
sequence of two antisymmetric E-SUs, resulting in 3 unique slip-planes for partial dislocation 
interactions with the boundary, labeled a to c in Fig. 3.1(b). Note that the exact impingement site 
of the Shockley partial at the grain boundary can be controlled by adjusting the size and location 
of the prismatic loop. For simplicity, we constrain the impingement sites on the upper and lower 





3.4. Uniaxial tensile simulations using MD 
We subject the above model structures to an NVT ensemble, with temperatures 
maintained at 500 K with a Nose-Hoover thermostat for 0.03 ns. We then switch to an NPT 
ensemble, and quench the system to a target temperature of 10 K within 0.05 ns, while keeping 
the simulation box pressure-free in all three directions with a Berendsen barostat. We perform 
uniaxial tension simulations by stretching the simulation box along the    direction at a strain 
rate of     s-1, while maintaining stress-free boundary conditions in the    and    directions with 
a Nose-Hoover barostat. The system is equilibrated to the target temperature of 10 K with a 
Nose-Hoover thermostat throughout the deformation process. All our MD simulations are 























Figure 3.1: (a) Atomic configuration of a periodic Ni bicrystal structure containing two <110> 
symmetrical-tilt Σ       grain boundaries, with two <112>{111}partial dislocations emanating 
from an atomically-thick vacancy slab in the bulk. (b) Close-up view of the grain boundary 
structure, with three unique slip-planes for partial dislocation interactions within each grain 




CHAPTER 4: SIMULATION RESULTS OF THE Σ9 (221) 
FAVORED GRAIN BOUNDARY STRUCTURE 
4.1  Macroscopic stress-strain response of E-SU containing grain boundaries 
Figure 4.1 shows the macroscopic stress     versus applied strain     response for 
Shockley partials along the -a, b-, and c-planes, interacting with the         grain boundary. 
The first stress drop at           corresponds to the first instance when the Shockley partial 
impinges on the upper or lower grain boundaries. Continued loading results in stress build-up, 
with subsequent loss of stress carrying capacity at           and 0.027 corresponding to 
Shockley partials crossing the upper or lower boundaries into the neighboring grain. We 
summarize the average critical strength    
  associated with crossing of the partial dislocations 
through the lower boundaries of all E-SU-containing grain boundaries in Fig 4.2 (blue symbols), 
with error bars denoting the standard deviation associated with various impingement sites along 
each boundary. We also include the critical strength associated with nucleation and emission of 
Shockley partials from the pure Ni grain boundaries structures (red symbols). Observe that the 
critical strengths of the various E-SU-containing boundaries in the presence of incoming 
Shockley partials are generally lower than those associated with direct dislocation emissions 
from the boundary of pure Ni bi-crystal structures. For certain grain boundary structures, such as 
         and         , the large error bars imply sensitivity of    
  to the partial impingement 
sites. Our focus here will be on the interaction mechanisms of incoming Shockley partials with 
the favored         boundary, as well as non-favored          and          boundaries, at 
various impingement sites.  
21 
 
4.2 Evolution of free volume at the grain boundary interface  
  We first examine the interactions of incoming <112> {111} Shockley partials with the 
favored         Ni grain boundary. Figure 4.3 shows snapshots of the atomic configurations of 
the incoming Shockley partials gliding along slip planes a-c as outlined in Fig. 3.1b, and 
approaching the lower         grain boundary. The atomic configurations in these snapshots 
are colored according to the centro-symmetry parameter. We include contours of the 
corresponding Voronoi cell volume of each atom  , normalized by the bulk atomic volume   , 
as a measure of the local porosity at the boundary defined by    ⁄        ). As shown, the 
        grain boundary has an average porosity of ~10-15%, relative to the bulk crystal. In 
comparison, there is a ~5% increase in the atomic density near the core of the approaching 
Shockley partial due to the presence of an extra {111} plane of atoms. Figure 4.3b shows that the 
incoming Shockley partials are accommodated by the E-SUs at all three impingement sites along 
the boundary. The partial-absorption process collapses the E-SU at each impingement site, 
causing the local atomic density to approach that of the bulk, i.e.     . All three grain 
boundary structures remain stable after the absorption process, though   is consistently elevated 
(lowered) to the left (right) of the respective impingement sites. After further tensile straining, 
Shockley partials are re-emitted from E-SUs within the elevated   regimes into the neighboring 
grain, as shown in Fig. 4.3c. For            , the re-emitted Shockley partial dislocations 
sweep across the entire ~10 nm-thick grain in the periodic simulation box, and are absorbed by 
the second grain boundary interface. For          , the re-emitted Shockley partial is stopped 




4.3  Traction Signatures: Predictors of dislocation emission 
  To understand the above partial dislocation absorption and its subsequent re-emission 
from a different site from where it impinges the grain boundary, we first examine the local 
stresses inherent in an equilibrium         grain boundary structure. Figure 4.4 a and b shows 
contours of the shear       and normal       virial stresses for the         grain boundary 
structure without applied loading. These stresses are quantitative measures of the extent of local 
disruption of atoms from their bulk crystallographic arrangement near the grain boundary. Our 
MD simulations show that the emission of partial dislocations into the upper and lower grains 
initiates near the intersections between the E-SUs and the dashed green and magenta lines in Fig. 
4.4a and 4.4b. These emission sites also coincide with the locations for re-emission of Shockley 
partials into the neighboring grain after partial-absorption (Fig. 4.3c). Figure 4.4c and 4.4d shows 
the continuum-equivalent shear and normal traction distributions along the dashed magenta line 
in Figure 4.4a and 4.4b for dislocation (re-)emissions into the lower grain. These continuous 
tractions effectively represent the grain boundary structure, and are constructed from the local 
atomic stress information in the vicinity of the grain boundary using the virtual work principle 
[43, 44]. Because of the translational symmetry of the         grain boundary structure, similar 
traction signatures are also observed along the green dashed lines in Fig. 4.4a and 4.4b for 
dislocation (re-)emissions into the upper grain. As shown schematically in the inset in Fig. 4.4a, 
these normal and shear tractions in the vicinity of the slip-initiation site, generates resolved shear 
stresses (   ) that act in concert with applied external loading (    ) along the {111}<112> slip-
system to trigger dislocation emission. Given the critical barrier stress for slip of        
           , equivalent to the ideal shear strength of a Ni single crystal, we have shown that 
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the critical tensile strength for dislocation emissions from the grain boundary structure (red 
symbols in Fig. 4.2) can be directly predicted from 
   
           ⁄      Eq. (4.1) 
across all E-SU-containing grain boundary structures, where   is the Schmid factor. However, 
the critical strength associated with re-emission of a Shockley partial in the vicinity of the 
partial-absorption site is far more complex, since the absorption of an incoming partial at the 
grain boundary significantly changes the stress-state of the system.  
 The ready-emission of partials from E-SUs, as quantified by the high     of ~2.6 GPa [43, 
44], suggests that the E-SUs within the favored         grain boundary can be represented by 
an array of incipient partial dislocations oriented with respect to the {111}<112> slip-system. 
Once    
  in (1) is reached, these incipient partials will nucleate and be emitted from the 
boundary. The exact location of these incipient partials along the boundary can be traced from 
the normal traction signatures in Fig. 4.4d. These normal tractions are significantly larger than 
the shear tractions in Fig. 4.4c, and primarily contribute to    . Note that     is highest near the 
origin of slip, denoting the core of the incipient partial, which lies at the intersection between the 
{111} <112> emission pathway (dashed black lines in Fig. 4.4b) and the point of inflection of 
the    traction curves (dashed-dot-dot lines in Fig. 4.4b and Fig. 4.4d). Using this approach, we 
establish the locations of the incipient partials along the upper and lower boundary, as marked 
for the lower boundary in Fig. 4.4b.  
4.4.  Stress field interaction between the incoming partial and 9 grain boundary 
  Figure 4.5 shows the     virial stress contours of the grain boundary structure before and 
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after the absorption of the incoming Shockley partial (red symbol), with the array of incipient 
partials along the boundary as marked (black symbols). For          , the incoming 
Shockley partial is gliding on the same slip-plane as the incipient partial at the E-SU along the 
boundary for emission into the upper grain. The incoming and incipient partials have opposite 
signs. At the point of interaction, the compressive and tensile parts of the incoming dislocation 
core impinge on the tensile and compressive parts of the incipient dislocation at the E-SU. The 
annihilation of the stress fields indicates that the incoming dislocation is readily absorbed to 
cause local collapse of the E-SU at the impingement site, with no notable atomic rearrangements 
along the grain boundary. For          , the tension-compression stress field of the incoming 
dislocation core now has the same sign as the stress-field at the grain boundary impingement site. 
The repulsive stress-field prevents the incoming dislocation from entering the grain boundary 
directly. Instead, driven by the large differences in atomic densities between the incoming partial 
and the porous E-SU along the grain boundary (Fig. 4.3), grain boundary locally migrates 
upwards to absorb the incoming partial. For          , the tensile-compressive stress field of 
the incoming dislocation core has opposite sign as the stress-field of the incipient dislocation 
along the same slip-plane, but residing at the lower boundary; the incoming Shockley partial 
penetrates deep into the grain boundary and annihilates the incipient dislocation there.  
4.5.  The concept of domain stresses at the grain boundary interface 
  The long-range stress fields of favored grain boundary structures containing only one 
type of structural unit, such as        , are very weak [42]; the stress fields of such grain 
boundaries are typically limited to the core region, as shown in Fig. 4.4. However, absorption of 
an incoming Shockley partial by the boundary disrupts the regular, periodic arrangement of 
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atoms, which can produce longer-range stress fields. This is evidenced by the consistent increase 
(decrease) in     atomic stresses left (right) of the impingement sites for           to   after 
partial-absorption in Fig. 4.5. We postulate that these stress fields associated with partial-
absorption are responsible for the subsequent onset of partial dislocation re-emission into the 
lower grain. To quantify the stresses associated with partial-absorption, we trace the average 
normal and shear virial stresses centered about the incipient partial dislocations at the lower 
boundary over a domain equivalent to the cut-off radius of the EAM potential (4.8  Å), 
subtracting away the contributions from applied external loading (   ). This averaging of stress 
within each domain, termed here as domain stresses    
 , smears out the short-range stresses 
associated with the local grain boundary atomic structure (Fig. 4.4). Figure 4.6 shows the 
distribution of domain stresses     
     
   immediately after partial absorption. For clarity, we 
indicate the domains used for averaging of the virial stresses to obtain     
     
   by dashed white 
circles in the corresponding atomic configurations. Observe that    
  peaks at ~4-5 GPa in 
tension (compression) in the neighboring E-SU to the left (right) of the impingement site, and 
decays gradually to zero within ~3 grain boundary periods     . The shear variations are much 
smaller, with    
  peaking at         and decaying more gradually to ~1 GPa with increasing 
distance from the impingement site. 
  Figures 4.7-4.9 (a) show the evolution of the domain stresses in the vicinity of the 
impingement sites for           to  . Corresponding snapshots of the atomic configurations 
at various instances marked by arrows are provided in Figs. 4.7-4.9 (b). We specifically focus on 
the four domains closest to the impingement site, labeled domains 1-4 and denoted by white 
dashed circles in Figs. 4.7-4.9 (b), where the stress-state is significantly affected by partial-
absorption. For           in Fig. 4.7,    
  remains almost zero across all four domains until 
26 
 
the incoming dislocation impacts and gets absorbed by the boundary. At this juncture, step-
jumps in    
  to a constant value of ~3 GPa and ~2 GPa are observed in domains 1 and 2, 
respectively, until an applied strain of          , whereupon an incipient Shockley partial 
dislocation is emitted from domain 1 into the lower grain. Nucleation of a second Shockley 
partial is also observed at domain 2, but its continued emission into the lower grain is obstructed 
by the high compressive stresses directly below domain 2 (Fig. 4.5b). For domains 3 and 4, 
partial-absorption at the boundary induces high compressive stresses of    
      GPa and 
    GPa, respectively, which suppress the emission of dislocations from these domains. The 
emission of a partial dislocation from domain 1 causes a dramatic drop in the    
  of domain 1 to 
nearly 0. The formation of a stacking fault in the process relieves the tensile    
  stress in domain 
2, while inducing a slight increase in the compressive    
  stresses in domains 3 and 4.  
  The domain stress evolution for           in Fig. 4.8 is similar to that for         
  in Fig. 4.7. The re-emission of Shockley partials after partial absorption at the boundary again 
occurs at domain 1. However, a higher critical strain of           is now required because of 
the smaller    
  of ~2 GPa in domain 1 after partial-absorption, versus ~3 GPa for          . 
Interestingly, the build-up of    
  in domain 2 after partial-absorption is much higher at ~3.5 
GPa, compared to domain 1. This high    
  stress is sufficient to induce nucleation of a Shockley 
partial from the E-SU in domain 2, but continued emission is not observed because of high 
compressive stresses along its {111}<112> slip plane directly below the impingement site (Fig. 
4.5b). For           in Fig. 4.9, the build-up of    
  of          in domain 1 after partial-
absorption also triggers the re-emission of a Shockley partial at applied strain of          . 
However, glide of the re-emitted Shockley partial is obstructed by high compressive stresses 
directly below the impingement site (Fig. 4.5b). At sufficiently high external applied strains of 
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         , Shockley partials are now emitted into both the upper and lower grains from the E-
SUs along the boundary that are sufficiently remote from the impingement site to be affected by 
stress-fields associated with partial-absorption. For           to  , the absorption and re-
emission of Shockley partials from the boundary is strongly correlated with the build-up and 
relieve of    
  stress in domain 1. Conversely, the shear domain stresses    
  are consistently 
smaller than    
  across all four domains, and do not significantly change after partial absorption, 
or even during the early-stages of Shockley partial re-emission into the neighboring grain. This 
suggests that unlike    
 ,    
  has negligible contribution to the re-emission of Shockley partials 
after partial-absorption.    
4.6  Figures 
 
Figure 4.1: Tensile stress-strain response associated with the location of partial dislocation 




Figure 4.2: Critical strength associated with emission of dislocations from (red), and interaction 





Figure 4.3: Snapshots of atomic configurations (top) and normalized atomic volumes (bottom) 
for partial dislocations, along the respective a-, b-, and c-slip-planes, (a) prior to reaching, (b) 
interacting with and absorbed by, and (c) after re-emission through, the         grain boundary. 
The applied strain is           and       for (a) and (b), while      0.021, 0.022, and 0.028 





Figure 4.4: Atomic shear and normal virial stress contours (a, b), with associated shear and 





























































































































































































































































































Figure 4.6: Distribution of average atomic     and     virial stresses within the respective 
domains centered about the partial dislocation emission sites along the         grain boundary 





Figure 4.7: Evolution of the average normal and shear stresses within domains 1-4 in the vicinity 
of the dislocation emission site (a), and snapshots of the corresponding atomic configurations for 






Figure 4.8: Evolution of the average normal and shear stresses within domains 1-4 in the vicinity 
of the dislocation emission site (a), and snapshots of the corresponding atomic configurations for 






Figure 4.9: Evolution of the average normal and shear stresses within domains 1-4 in the vicinity 
of the dislocation emission site (a), and snapshots of the corresponding atomic configurations for 
          (b). 
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CHAPTER 5:  THE NON-FAVORED GRAIN BOUNDARY 
STRUCTURES 
  The absorption of incoming partials by the E-SUs, and subsequent re-emission of partials 
from neighboring E-SUs, is a mechanism that is consistently observed for the favored         
grain boundary structure regardless of the impingement site. In reality, most E-SU-containing 
grain boundaries will comprise of other types of SUs as well. The presence of these other SUs 
can significantly influence the ability of the grain boundary to re-emit or transmit Shockley 
partial dislocations. Consider the case of a          grain boundary, which has high     of 3.8 
GPa in Eq. (4.1), and readily emits partial dislocations from the boundary at low applied tensile 
stress of    
         (Fig. 4.2). Our MD simulations demonstrate that the long-range stress 
fields of an approaching Shockley partial consistently triggers the emission of grain boundary 
dislocations into both the upper and lower grains even before this partial has reached the 
boundary. For the other                    and          grain boundaries with emission 
strength comparable to the favored         grain boundary (Fig. 4.2), the partial dislocation 
interaction mechanisms are far more complex and are found to be dependent on the impingement 
location, as well as the configuration and type of SUs in the vicinity of the impingement site. 
Here, we examine in detail the partial dislocation interaction mechanisms for the          and 
         grain boundaries.  
5.1 Outcomes of the slip-grain boundary interaction  
  Figure 5.1 shows the equilibrium grain boundary structures, and corresponding     virial 
stress contours for the          and          grain boundaries. The          grain boundary 
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comprises of repeated A-E-A-E SUs, with 4 unique impingement sites, labeled a-d in Fig. 5.1a. 
The          grain boundary comprises of repeated A-E-E-A-E-E SUs, with 7 unique 
impingement sites, labeled a-g in Fig. 5.1b. Our MD simulations demonstrate that there are three 
possible outcomes from the interaction of Shockley partial dislocations with either of these two 
grain boundary structures: (a) transmission of the incoming Shockley partial through the 
impingement site into the neighboring grain, (b) absorption of the incoming partial and 
subsequent re-emission of a partial into the neighboring grain from a different site, and (c) stable 
absorption of the incoming partial with no transmission or re-emission of dislocation partials. 
Activation of each of these mechanisms is closely related to the wavy “zig-zag” geometries of 
both          and          grain boundaries, where one-half of each wavy grain boundary 
period (  ) is oriented along a {111} slip-plane of the lower grain (Fig. 5.1) which for all intents 
and purposes can be treated as an equivalent stacking fault plane. Adjacent to this stacking fault 
plane, the initiation of slip results in the formation of a micro-twin within this half-wave period 
of the boundary, and has much lower barrier energy compared to the activation of slip in a single 
crystal FCC structure. These favored partial emission pathways into the neighboring grain are 
denoted by dashed yellow lines in Fig. 5.1. 
5.2  Analysis of atomic structure and interfacial stress fields 
  The first outcome (a) is triggered, for            and            in Figs. 5.2 and 
5.4, respectively, when a common line of intersection is observed between the slip-plane of the 
incoming Shockley partial, and the favored emission pathway. The incoming partial dislocation 
collapses the porous E-SUs, which connects these two slip-planes together, and the low barrier-
energy along the favored emission pathway allows for near instantaneous transmission of 
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Shockley partials without appreciable increase in external loading. A variant of outcome (a) is 
observed for            and    in Fig. 5.4, where an E-SU within the boundary lies at the 
intersection point between the slip-plane of the incoming partial, and that formed by the stacking 
fault plane comprising the half-wave-period of the boundary. The incoming partial collapses the 
E-SUs of the            and    boundaries, but continued transmission to extend the 
stacking fault plane from the wavy valley of the boundary into the neighboring grain occurs only 
at higher applied loads of          GPa and ~2.9 GPa, respectively. 
  The second outcome (b) is distinct from the transmission mechanism detailed above, in 
that a common line of intersection does not exist between the incoming and outgoing slip-planes. 
Instead, the tensile stress-fields caused by partial-absorption, i.e. domain stresses detailed in 
Section 3.1, drives the re-emission of partials from a different site into the neighboring grain. 
This outcome, discussed previously for the favored         grain boundary structure, was also 
observed for            and            in Figs. 5.2 and 5.4. For the former, partial 
dislocation slip is triggered along the favored emission pathway at applied loads of          
GPa. For the latter, the tensile domain stress favors the re-emission of a Shockley partial along a 
slip-plane neighboring to the favored emission pathway at applied loads of          GPa.  
  For the remaining impingement sites along the          and          grain 
boundaries, the incoming Shockley partials are accommodated by porous E-SUs and result in 
stable grain boundary configurations. Subsequent emission only occurs at applied loads 
comparable to that for dislocation emission from a pristine grain boundary structure. In most 
cases, stabilization of the grain boundary after partial-absorption can be attributed to (i) 
annihilation of stress fields between the incoming dislocation core and E-SUs at the 
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impingement sites to resemble bulk crystal configuration (             ), (ii) negligible 
tensile domain stresses generated in the vicinity of the favored emission site after partial-
absorption (                     ), or (iii) generation of compressive stresses at the 
favored emission site after partial-absorption which further stabilizes the boundary  
(          ). 
5.3  Figures 
 
Figure 5.1: Equilibrium atomic configurations, and associated     virial stress contours for 
         and          grain boundaries. Dashed white lines denote the possible unique slip-
planes for partial dislocation interactions with the respective grain boundaries. Dashed yellow 







Figure 5.2: Atomic configurations and normal virial stress contours for the          grain 
boundary, depicting the re-emission of partial dislocations into the lower grain after partial-
absorption (          ), transmission of partials through the boundary (          ), and 
the stable absorption of partials with no re-emission or transmission (            ). Inset 








CHAPTER 6: CONCLUSIONS AND FUTURE WORK 
  Previous studies have shown that grain boundaries containing E-SUs have low critical 
strength for dislocation emission [19-21]. This has been attributed to the unique atomic 
configuration of these E-SUs which generates high resolved shear stress acting along the 
{111}<112> slip-systems of incipient partial dislocations [43, 44]. In turn, the high resolved 
shear stress act in concert with applied external loading to nucleate and emit partial dislocations 
from the E-SUs along the boundary. Here, we demonstrate that the porous E-SUs along the 
boundary are also capable of accommodating incoming Shockley partials, which collapses the E-
SUs at the impingement sites. Subsequent stability of the grain boundary structure is found to 
depend on the location of the impingement site, and the configuration of SUs comprising the 
grain boundary.    
6.1  Effect of domain stresses on re-emission at 9 (221) grain boundary 
  In the case of the         favored grain boundary structure comprising of only E-SUs, 
the short grain boundary period of            infers that there is a high density of preferred 
sites along the boundary both for partial dislocation absorption, as well as re-emission. The 
absorption of incoming partial dislocations by the E-SUs along the boundary disrupts the short 
range stress-fields of incipient dislocations along the boundary. Additional     
tensile/compressive stress peaking at      GPa and spanning     on the left/right of the 
impingement site is generated in the process. This additional stress-field from partial-absorption, 
termed as domain stress (   
 ), acts together with applied external loading and the grain boundary 
tractions, to trigger the subsequent emission of dislocations into the neighboring grain, i.e. 
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           ⁄     
              Eq. (6.2) 
where we recover Eq. (4.1) when    
   . Thus, Shockley partial dislocations are readily 
emitted from regimes along the boundary where    
   . In fact, the calculated    
  of ~2 GPa at 
the partial re-emission sites (domain 1 in Figs. 4.7-4.9) exactly explains the difference in the 
critical strength associated with emission of dislocations from a pristine grain boundary (blue 
symbols), and that associated with partial dislocation interactions (red symbols) for the         
grain boundary in Fig. 4.2. Conversely, dislocation activity is completely suppressed when 
   
    which increases    
 . 
  We remark that the existence of neighboring E-SUs along         allows incoming 
dislocations to be accommodated along the boundary, regardless of the impingement site. When 
the tension-compression fields at the incoming dislocation core can be annihilated by the 
compression-tension core of the E-SU at the impingement site (e.g.          ), the basic 
structure of the grain boundary will be preserved. However, significant structural rearrangement 
of the boundary can happen when repulsive stress fields are instead generated, because of the 
surrounding porous E-SUs. Nevertheless, subsequent re-emission of dislocations in the vicinity 
of the impingement site is purely driven by    
  which acts as the additional driving force to 
nucleate and emit incipient dislocations from the E-SUs. This mechanism is unique to porous 
grain boundary structures with low dislocation nucleation strength, and is distinct from 
dislocation crossings of higher density grain boundaries which tend to leave behind residual 




6.2.  Mechanisms of slip transmission at the non-favored interfaces 
   In the case of non-favored grain boundaries, the high density of E-SUs along the 
boundary again serve as absorption sites for partial dislocations. However, each grain boundary 
period has a preferred site and pathway for emission of dislocations into the neighboring grain. 
Hence, the larger    of non-favored grain boundaries also infers lower density of preferred sites 
for dislocation transmission/emission. Our MD simulations demonstrate that the post-absorption 
mechanisms of these grain boundaries depend on proximity of the impingement site to the 
preferred transmission/emission site along the boundary. Dislocation transmission is the 
dominant mode when the grain boundary lies at the intersection point between the slip-plane of 
the incoming partial and the preferred emission path in the neighboring grain. When the 
impingement site is not directly at, but in close proximity to, this intersection point, tensile stress 
fields generated by partial-absorption, assisted by external loading, can induce re-emission of 
dislocations into the neighboring grain, akin to the favored         grain boundary structure. At 
all other impingement sites, these E-SU-containing grain boundaries remain stable after partial-
absorption and have critical emission stress comparable to that of the pristine boundaries. 
6.3. Future Work 
  In summary, we have elucidated the dislocation interaction mechanisms in E-SU-
containing grain boundaries with MD simulations. We demonstrate that the E-SUs are favorable 
sites for absorption of incoming Shockley partials. Our measurements of local grain boundary 
stresses show that the stress-field induced by partial-absorption can act as an additional driving 
force to trigger re-emission of dislocations into the neighboring grain. The influence of this 
driving force in turn depends on the proximity of the partial-dislocation impingement site to the 
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re-emission site. Understanding these unit mechanisms of partial dislocation absorption and re-
emission has important implications in the meso-scale modeling of E-SU-containing grain 
boundaries. 
 Establishing a correlation between structure and properties of grain boundaries has 
always been a complex endeavor due to the large numbers of degrees of freedom of the 
interfacial systems. While this study has identified the contributions from local stress 
concentration at the grain boundary interface in affecting the slip transmission at the boundary, it 
is restricted only to the E-structural unit containing grain boundaries. Moreover, when the initial 
setup was being modeled, the grain boundary with the global minimum energy was selected to 
perform the simulations, as this was regarded as an objective ground state configuration. 
Previous works have studied grain boundary energy and its atomic structure as quantitative 
descriptors for predicting slip transmission at the interface. The local atomic structure at the 
grain boundary largely affects the interface-driven processes such as grain boundary diffusion, 
sintering etc. It would thus be an interesting potential future work to vary the energies of the 
starting grain boundary configurations and understand its effect in the slip transfer mechanisms 
discussed above.   This work along with [43, 44] has also provided a framework to predict the 
critical stress barrier that has to be overcome at the interface to sustain dislocation transmission 
through it which may serve as a useful tool in progressing multi-scale modeling using methods 
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